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Abstract. In order to select the most appropriate steel to deal with pressurized hydrogen over long periods of
time, the fatigue crack propagation rate of quenched and tempered CrMo and CrMoV steel grades was
assessed by means of tests performed on thermally pre-charged specimens in a hydrogen reactor at 195 bar
and 450ºC during 21 hours. Cylindrical samples were used to measure the hydrogen content and their
desorption kinetics at room temperature and compact tensile specimens to determine the fatigue crack
growth rate. Under the aforementioned pre-charging conditions, significant amounts of hydrogen were
introduced, being much larger in the CrMoV steel grades, which also have much lower apparent diffusion
coefficients, as precipitation of fine vanadium carbides during tempering provides strong hydrogen traps.
Moreover, the fatigue crack growth rate increased significantly due to the presence of internal hydrogen in
the CrMo grades for test frequencies lower than 10 Hz in comparison with tests performed in air.
Furthermore, the presence of vanadium carbides in the CrMoV steel significantly improved fatigue crack
growth performance, the effective hydrogen diffusion distance per cycle and the hydrogen concentration in
the process zone ahead of the advancing crack being considerably reduced.
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1. Introduction
For the development of infrastructures such as hydrogen tanks, pipes and valves for the impending new
hydrogen society, a certain number of pressing technical problems must first be solved. It is necessary to
understand the complex embrittlement phenomena that take place when hydrogen diffuses into these
metallic components submitted to static and cyclic mechanical loads in the presence of manufacturing
defects. Vessels used to store and transport hydrogen must be able to provide safe service conditions over
long periods of time in direct contact with gaseous hydrogen under high internal pressure, it being especially
crucial to ensure good resistance to hydrogen embrittlement. The use of quenched and tempered steels
alloyed with chrome, chrome-molybdenum, nickel-chromium-molybdenum or chrome-molybdenumvanadium is generally a good option in these industrial installations [1]. In this context, high yield strength
steels are preferred in order to reduce the vessel wall thickness, although it is well known that these steels
are more sensitive to hydrogen embrittlement [2,3,4]. Components of this kind are subjected to important
cyclic loads produced by high hydrogen pressures (up to 70 or even 100 MPa) over at least 15 years and safe
service conditions must be guaranteed throughout this period [5,6,7]. For this reason, it is important to know
how hydrogen diffuses and accumulates in the process zone existing ahead of any possible defect until
reaching a critical concentration, which could trigger the failure of the component or crack initiation and
growth in specific locations of the component.
An important task for material scientists and engineers is the development of materials capable of
withstanding the effects of cyclic loading in hydrogen environments. Comprehensive, detailed studies
quantifying the influence of hydrogen on fatigue crack growth rate are still needed in order to produce
components able to perform satisfactorily in services for up to 15 years under high hydrogen pressures, there
currently being an urgent need to produce reliable data on the fatigue behaviour of candidate materials in
hydrogen environments.
In order to simulate the interaction between hydrogen atoms and the steel microstructure, there are two basic
ways to analyse the effects of hydrogen in the mechanical properties of steels: testing in high-pressure
hydrogen gas (external hydrogen), and testing in air after pre-charging the specimens in a hydrogenated

medium (internal hydrogen) [5]. In the case of external hydrogen provided by high hydrogen pressures, the
measurement of mechanical properties requires the use of unique, expensive facilities as material test
specimens are exposed to high-pressure hydrogen gas while simultaneously being subjected to specific
mechanical loads. However, specimens can be easily and conveniently pre-charged at high temperature from
a gaseous atmosphere (as hydrogen diffusion depends exponentially on temperature, the use of high
temperatures strongly accelerates pre-charging, thus providing high hydrogen contents after relatively low
charging times) or electrochemically from an aqueous solution at room temperature.
Several studies testing specimens in high-pressure hydrogen gas have been performed in recent years.
Yamabe et al. [8] compared the fatigue crack growth rate (FCGR) of a quenched and tempered CrMo steel
(uts=870 MPa) in air and in gaseous hydrogen. These authors show that hydrogen pressure does not affect
the fatigue crack growth rate at K<10 MPa√𝑚, although an important acceleration of this rate was seen at
higher K values. The onset of this mode occurs above a critical KTmax value [5], in line with the
superposition of hydrogen-assisted sustained-load (or static load) crack growth onto mechanical fatigue
crack propagation. Similar results were also obtained by other researchers using different structural steels
[9,10,11,12]. Tazoe et al. [13] very recently conducted K decreasing tests to investigate the fatigue
threshold of a CrMo steel in a 9 MPa hydrogen gas environment, concluding that the fatigue crack growth
rate in the near-threshold region in hydrogen gas was comparable to that in air. The aforementioned authors
[9,10,11,12] and also [14,15,16] have also observed fatigue crack growth rate increases of at least one order
of magnitude when specimens are loaded in gaseous hydrogen at K>10 MPa√𝑚 under low test frequencies
(0.1 and 1 Hz) in comparison with tests performed at room temperature in air, while crack growth
acceleration was much lower or even non-significant at high frequencies.
As to internal hydrogen, it may should be borne in mind that thermal pre-charging of steel specimens in
hydrogen atmospheres may be limited to 450ºC and 48 hours to completely avoid the methane reaction,
which is the reaction between hydrogen atoms and solute carbon to produce a methane molecule [17].
Thermal pre-charging was respectively employed in [18] and [19] under a hydrogen pressure of 100 MPa at
85ºC for 200-240 h to charge 0.33 ppm hydrogen in a quenched and tempered Ni-Cr-Mo steel (ys=754
MPa) and 2 ppm hydrogen in a quenched and tempered SAE52100 steel (ys=1794 MPa). The effects of
hydrogen on the fatigue crack growth rate observed by these authors using hydrogen pre-charged specimens
were similar to those of specimens exposed to external hydrogen: fatigue crack growth acceleration due to
the presence of hydrogen strongly depending on the frequency under K values of 20-40 MPa√𝑚. Other
researchers [20,21] have also used electrochemically hydrogen pre-charged specimens of low-alloy CrMo
steels to show fatigue crack growth rate enhancement resulting from the presence of internal hydrogen and
the strong influence of the applied frequency or hold time.
In the present study, gaseous hydrogen pre-charging at high temperature was employed. In this way, given
the exponential variation of the diffusion coefficient and solubility with temperature, the kinetics of
hydrogen entry into the steel can be significantly accelerated, achieving a similar concentration of hydrogen
to that obtained after years of service at room temperature within only a few hours. However, the main
drawback of this technique is the need to carry out the mechanical tests just after the hydrogen pre-charge in
order to limit its desorption. Compact specimens of quenched and tempered CrMo and CrMoV steels were
thermally pre-charged with hydrogen, following which fatigue crack propagation rates were determined.
The hydrogen content after pre-charging and the desorption kinetics were also determined. The influence of
frequency on the fatigue crack growth rate was likewise studied. Finally, scanning electron microscopy
(SEM) was used to analyse the failure micromechanisms of the steels.

2. Experimental procedure
2.1. Materials and heat treatments
Three different low-alloyed ferritic steels belonging to the Cr-Mo family were selected in this study, one of
which was alloyed with vanadium. The chemical compositions of the 42CrMo4, 2.25Cr1Mo and
2.25Cr1MoV steels are shown in Table 1.

Table 1. Chemical composition (weight %).
Steel
42CrMo4
2.25Cr1Mo
2.25Cr1MoV

C
0.42
0.14
0.15

Mn
0.62
0.56
0.52

Si
0.18
0.16
0.09

Cr
0.98
2.23
2.27

Mo
0.22
1
1

V
0.3

The 2.25Cr1Mo and 2.25Cr1MoV steels were first studied in the as-received (AR), quenched and tempered
condition (see Table 2). In order to obtain other different steel qualities, the 2.25Cr1Mo steel was
austenitized at 940ºC for 30 min, quenched in water and tempered at 600ºC for two hours. As regards the
2.25Cr1MoV steel, this was austenitized at 925ºC for 90 min, quenched in water and tempered at 650ºC for
two hours. Finally, the 42CrMo4 steel, received in a normalizing condition (AR), was austenitized at 845ºC
for 40 min, quenched in water and respectively tempered at 700 and at 650ºC for two hours. Thus, two
different grades of each steel were studied. The sequence of heat treatments and the nomenclature of all the
studied grades (based on the tempering temperature) are given in Table 2.
Table 2. Heat treatments.
Steel grade
42CrMo4
42CrMo4_700
42CrMo4_650
2.25Cr1Mo_690
2.25Cr1Mo_600
2.25Cr1MoV_720
2.25Cr1MoV_650

Heat treatment sequences
AR: Normalizing treatment
AR+845ºC/40min+water quenching+700ºC/2h tempering
AR+845ºC/40min+ water quenching +650ºC/2h tempering
AR: 940ºC/3h+ water quenching + 690ºC/30h tempering
AR+940ºC/30min+ water quenching +600ºC/2h tempering
AR: 925ºC/30min + water quenching + 720ºC/3h tempering
AR+925ºC/90min+ water quenching + 650ºC/2h tempering

Different specimens were machined to perform the different tests: small cylindrical samples to measure
hydrogen contents and the kinetics of hydrogen egression at room temperature (RT), and tensile as well as
compact tensile (CT) specimens for fatigue crack growth testing.

2.2. Hydrogen pre-charging
All the specimens were pre-charged with gaseous hydrogen in a high-pressure hydrogen reactor. In order to
ensure that all the specimens were saturated with hydrogen (the maximum thickness of specimens was 10
mm), the following conditions were applied: 21 hours at 450ºC under a pressure of 19.5 MPa of pure
hydrogen.
The high temperature hydrogen solubility of the quenched and tempered 2.25Cr1Mo and 2.25Cr1MoV steels
was respectively calculated using expressions (1) and (2) reported by Pillot [17]
CH = 0.152·exp (-27079/R·T)·√𝑃

(1)

CH = 9.23·10-3·exp (-6943/R·T)·√𝑃

(2)

where CH represents the hydrogen content expressed in ‘mass ppm’, R is the gas constant (8.31 J/mol·K), T
is the temperature (K) and P the hydrogen pressure (Pa). Applying these equations to the hydrogen charging
conditions employed in this study (19.5 MPa and 450ºC), hydrogen contents of 7.4 and 13 ppm were
respectively introduced into the 2.25Cr1Mo and 2.25Cr1MoV steel samples.
As regards the 42CrMo4 steel, the lattice hydrogen content of BCC iron reported by Hirtz [24] was used,
Equation (3), considering that traps are not active at this high temperature

CH = 104.47·√𝑓·exp (-28600/RT)

(3)

where f represents the fugacity in MPa. According to San Marchi [25], fugacity can be expressed from the
hydrogen pressure, p, according to equation 4:
𝑓 = 𝑝 ∙ 𝑒(

𝑏𝑝⁄
𝑅𝑇)

(4)

where b is a constant of value 15.84, and the pressure, p, is expressed in MPa.
Applying these equations to our hydrogen charging conditions, a hydrogen content of 4.1 ppm was
introduced into the samples of the 42CrMo4 steel.
After the 21 hours of maintenance of the specimens in the hydrogen reactor, a cooling phase of 1h, until
reaching a temperature of 85ºC was always necessary to allow specimens to be removed from the reactor.
Although hydrogen pressure was maintained during cooling, the decrease in temperature creates a
thermodynamic driving force for hydrogen egress from the specimens, leading to a significant hydrogen loss
in all cases. The hydrogen pre-charged specimens were then removed from the reactor and rapidly immersed
in liquid nitrogen (-196ºC), where they were kept until the moment of testing, in order to avoid additional
hydrogen losses.
2.3. Desorption curves
The amount of hydrogen absorbed by the different steel grades was determined and the hydrogen desorption
curves at room temperature were plotted. The hydrogen content was measured by means of thermal
desorption analysis (TDA) on a LECO DH603 hydrogen analyzer, which is able to measure hydrogen
concentrations between 0.1 and 2500 ppm. The equipment´s measuring principle is based on the difference
in thermal conductivity between a reference gas flow of pure nitrogen and a secondary flow composed of
nitrogen and the hydrogen thermally extracted from the sample kept at 1100ºC for 400 s. Cylindrical steel
pins of 10 mm in diameter and 30 mm long (≈20g) were used for this purpose. After extraction from the
liquid nitrogen and before the measurement was performed, each pin was submerged in an ultrasonic bath
with acetone for 5 minutes and carefully dried using cold air. Hydrogen content measurements were
conducted just after pre-charging to determine the total hydrogen present in the steel at the start of the
different tests, and also after different hold times at room temperature until only the strongly trapped
hydrogen remained (residual hydrogen) to determine, in this case, the hydrogen desorption curves (hydrogen
evolution over time at room temperature).

2.4. Hydrogen diffusion coefficient estimation
Fitting the experimentally measured hydrogen desorption data was used to estimate the apparent hydrogen
diffusion coefficient (Dapp) of the six steel grades. An axisymmetric bi-dimensional diffusion analysis of the
cylindrical samples was performed using a commercial FEM software (Abaqus Cae) employing 4 node
linear axisymmetric quadrilateral elements (Figure 1). The initial hydrogen content experimentally
determined at the end of the cooling phase (from 450 to 85ºC in the high pressure reactor) by means of the
LECO analyser was taken as the first point of the analysis (boundary condition 1 or BC1). The residual
hydrogen content, likewise determined using the LECO analyser after a long stay at room temperature, was
taken as our surface condition (boundary condition 2, BC2).
Fick´s diffusion law (J= -Dapp∇CL, J being the hydrogen flux, Dapp the apparent diffusion coefficient, and CL
representing the lattice hydrogen concentration) was applied to a cylinder with a radius (R) of 5 mm varying
the apparent diffusion coefficient, Dapp, and the hydrogen evolution over time at room temperature was
calculated (only radial diffusion was considered). The diffusion coefficient which best fitted the
experimental data was taken as the apparent diffusion coefficient of the steel
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Figure 1. Simulated sample (a) and boundary conditions (b) used in radial hydrogen desorption at room
temperature (c). Hydrogen pre-charged samples with radius R=5 mm and length L=30mm.

2.5. Mechanical testing
2.5.1. Tensile tests
Tensile tests were performed in air on smooth specimens with a diameter of 5 mm and a calibrated length of
28 mm on an Instron 5582 tensile testing machine under a displacement rate of 0.4 mm/min.

2.5.2. Fatigue crack growth tests
The fatigue crack growth rate was determined using compact tensile CT specimens with a width of 48 mm
and a thickness of 10 mm (see Figure 2). Before hydrogen pre-charging, the specimens were first fatigue precracked at R=0.1 and 10 Hz until obtaining an initial crack length versus width ratio a/W=0.2, following the
ASTM E647 standard [22].
In order to determine the fatigue behaviour of each steel grade without internal hydrogen, uncharged CT
specimens were fatigue tested at room temperature, under a load ratio R=0.1 and a frequency of 10 Hz.
Fatigue crack growth tests were then performed on hydrogen pre-charged specimens. All the tests were
carried out in air, at room temperature, under a load ratio R=0.1. Test frequencies of 10, 1, 0.5, 0.1, and even
0.05 were used in some cases in order to assess the influence of this parameter on the fatigue crack growth
rate. The initial applied ∆K was around 25-35 MPa√𝑚 in all cases.
Crack length was continuously monitored by means of a CTOD extensometer, allowing the curves
representing crack growth rate (da/dN) versus stress intensity factor range (∆K) to be obtained.

Detail A (4 :1)

Detail B (4 :1)

Figure 2. Geometry and dimensions (mm) of CT specimens.

2.6. Observation of microstructures and fracture surfaces
The steel microstructures were observed under a scanning electron microscope (SEM JEOL-JSM5600) using
an acceleration voltage of 20 kV (the samples were previously ground and finally polished with 1 µm
diamond paste and etched with Nital-2%). The fracture surfaces of the fatigue-tested specimens were also
carefully examined using the same technique.

3. Results
3.1 Steel microstructures and tensile properties
The microstructures of the 42CrMo4, 2.25Cr1Mo and 2.25Cr1MoV steels after the different heat
treatments are shown in Figure 3.

(a) 42CrMo4_700

(b) 42CrMo4_650

(c) 2.25Cr1Mo_690

(d) 2.25Cr1Mo_600

(e) 2.25Cr1Mo0.3V_720
(f) 2.25Cr1Mo0.3V_650
Figure 3. Microstructure of the steel grades, SEM. 5000x.
The obtained microstructures were in all cases tempered martensite, in which the profuse carbide
precipitation that takes place during the tempering process can be clearly seen. Martensite internal residual
stresses relax, dislocation re-arrangement/annihilation and substructure recovery takes place, and elongated
carbides precipitated in martensite block and packet boundaries break up, globulize and finally grow to yield
a more uniform distribution with increasing tempering temperature [23].
The aforementioned microstructural differences give rise to the hardness and tensile properties listed in
Table 3. As expected, yield strength, σys, ultimate tensile strength, σuts and Brinell hardness, HB,
progressively decrease with increasing tempering temperature, while the opposite occurs with tensile
elongation, e, and reduction in area, RA.

Table 3. Hardness and tensile properties of the different steel grades at RT in air.

845ºC+WQ+T700ºC/2h
845ºC+WQ+T650ºC/2h
940ºC+WQ+T690ºC/30h
940ºC+WQ+T600ºC/2h

σys
[MPa]
622
820
430
761

σuts
[MPa]
710
905
580
887

e
[%]
22
16
27
19

RA
[%]
61
57
72
75

201
246
170
285

925ºC+WQ+T720ºC/3h
925ºC+WQ+T650ºC/2h

567
667

714
829

20
20

80
75

200
262

Steel Grades

Heat treatment

42CrMo4_700
42CrMo4_650
2.25Cr1Mo_690
2.25Cr1Mo_600
2.25Cr1MoV_720
2.25Cr1MoV_650

HB

3.3 Hydrogen desorption curves and diffusion coefficient estimation
The hydrogen desorption data experimentally obtained at room temperature for each steel grade are shown in
Figure 4 along with the fitted FEM simulated curves. These figures represent the evolution of the hydrogen
content (ppm) versus the exposure time in air (hours) at room temperature.
The initial hydrogen content, CH0, corresponds to the first point of the desorption curve (hydrogen content at
the end of the cooling phase following thermal pre-charging in the reactor, BC1 in Figure 1). The residual
hydrogen, CHf, is the hydrogen strongly trapped in the steel microstructure, i.e. the hydrogen content after a
long exposure at room temperature (BC2 in Figure 1). The diffusible hydrogen, described as the amount of
hydrogen that is able to overcome traps and diffuse out of the steel when sufficient time is available, was
calculated as the difference between the initial and final hydrogen contents (CH0 - CHf).
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Figure 4. Hydrogen desorption curves. Experimental data (points) and numerical fit (line).
(a) 42CrMo4, (b) 2.25Cr1Mo and (c) 2.25Cr1MoV
As previously stated, data fitting of the experimentally measured hydrogen desorption curves was used
to estimate the apparent hydrogen diffusion coefficient, Dapp, in the different steel grades. As an
example, based on the procedure described in Figure 1c, the initial hydrogen distribution at the end of
the cooling phase (from 450 to 85ºC performed in the high pressure reactor) in the case of the
2.25Cr1Mo_690 steel is shown in Figure 5b. This hydrogen distribution corresponds to the first data
point of the desorption curve (Figure 4b), where an average hydrogen content of 0.6 ppm was
experimentally measured. However, the specimen surface retains the residual hydrogen content (0.2
ppm in this grade of steel which represents our surface boundary condition, denoted as BC2) and
hydrogen contents as high as 1.15 ppm are still present in the centre of the specimen. Figure 5c
corresponds to the final or residual hydrogen content (0.2 ppm in this steel grade) which was
experimentally measured after a sufficiently long hold time at room temperature. The diffusion
coefficient which provides the best fit to the experimental data was taken as the apparent diffusion
coefficient of the steel. In this case, the Dapp value estimated for the CrMo_690 steel grade was 2.5·10-10
m2/s, while the fit to the experimental data is shown in Figure 4b.

(a)

(b)

(c)

Figure 5. Hydrogen distribution in the CrMo_690 steel in samples with R=5 mm and L=30mm. (a)
Hydrogen concentration at the end of pre-charging (7.4 ppm). (b) Initial concentration (0.6 ppm) measured
on the LECO DH603 analyser at the end of the cooling phase (BC1). (c) Residual concentration (0.2 ppm)
after 17 h at RT (BC2).

The results obtained from the analysis of the hydrogen desorption curves are summarized in Table 4: CH0,
corresponds to the first point of the desorption curve (hydrogen content at the end of the cooling phase
following thermal pre-charge), CHf is the residual hydrogen content or hydrogen strongly trapped in the steel
microstructure, i.e. the hydrogen content after sufficiently long exposure time at room temperature (tf), the
diffusible hydrogen being the amount that is able to exit traps and diffuse out of the steel when sufficient
time is available, CHd= CH0 - CHf, and finally, Dapp represents the diffusion coefficient.

Table 4. Initial (CH0), residual (CHf) and diffusible CHd= (CH0-CHf) hydrogen contents, along with apparent
diffusion coefficients measured in the different steel grades.
From experimental LECO analyzer
Steel grade

42CrMo4_700
42CrMo4_650
2.25Cr1Mo_690
2.25Cr1Mo_600
2.25Cr1Mo0.3V_720
2.25Cr1Mo0.3V_650

CH0
[ppm]
1.20
1.20
0.60
1.30
4.20
3.80

CHf
[ppm]
0.25
0.45
0.20
0.60
4.00
3.40

tf
[h]
120
169
17
48
220
368

CHd=(CH0-CHf )
[ppm]
0.95
0.75
0.4
0.7
0.2
0.4

FEM analysis
Dapp
[m2/s]
4.2·10-10
2.5·10-10
2.5·10-10
8.0·10-11
2·10-11
8·10-12

As regards the results shown in Table 4, it is worth noting that V-added grades always absorb more hydrogen
and desorb hydrogen more slowly than V-free steels (42CrMo4 and 2.25Cr1Mo), giving rise to the lowest
apparent diffusion coefficients. Moreover, in the three studied steels, the diffusion coefficient significantly
increases with increasing tempering temperature, as the microstructure has a lower density of traps and
strong traps [26,27]. In order to establish a comparison between V-free and V-added steels, CrMo_690 and
CrMoV_650 steel grades were compared. We were able to confirm that the hydrogen diffusion coefficient
measured in the CrMo_690 is 30 times higher than that measured in the CrMoV_650. Fine vanadium
carbides precipitated in the course of the tempering treatment are known to be very strong microstructural
hydrogen traps [17,28,29,30].

3.4 Fatigue crack growth curves
The curves representing the fatigue crack growth rate (da/dN) versus the stress intensity factor range (∆K)
obtained for the six steel grades at room temperature in air are shown in Figure 6. All data between 30 and

90 𝑀𝑃𝑎√𝑚 show a good fit to the Paris fatigue law, while the Paris law coefficients, C and m (da/dN = C
Km), as well as the corresponding R2 determination coefficient are given in Table 5.
The fatigue crack growth curves of the hydrogen-charged specimens likewise obtained at room temperature
using different test frequencies are shown in Figure 7. These curves are also compared with those determined
for the uncharged specimens. The acceleration effect in the fatigue crack growth rate due to the presence of
internal hydrogen was only noted when the test frequency was lower than 10 Hz (in the case of
42CrMo4_700 below 1 Hz), this effect being more significant under the lowest frequencies (0.1 and 0.05
Hz), as was to be expected according to the previously cited papers [6,7,9].
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Figure 6. da/dN-ΔK curves of uncharged specimens of all the studied steels (10Hz and R=0.1).
Table 5. Paris law parameters (10Hz and R=0.1)
Steel Grade

Paris coefficients
da/dN = C∙ΔKm (m/c, MPa√𝑚)
C
m

R2

42CrMo4_700

2,0E-08

2,6

0,998

42CrMo4_650

7,0E-09

2,8

0,996

2.25Cr1Mo_690

1,0E-08

2,6

0,997

2.25Cr1Mo_600

1,0E-07

2,1

0,989

2.25Cr1MoV_720

4,0E-09

2,9

0,995

2.25Cr1MoV_650

6,0E-08
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Figure 7. da/dN – ΔK curves of CrMo(V) grades at R=0.1 and different test frequencies.
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Figure 8 shows the fatigue curves obtained for all the studied steel grades tested with internal hydrogen using
the lowest test frequency (0.1Hz) compared with the fatigue behaviour obtained for the same steels in air.
The ratio between the hydrogen crack growth rate (da/dN)H measured with hydrogen pre-charged specimens
under the lowest frequency (0.1 Hz) and the crack growth rate obtained with uncharged specimens
(da/dN)NoH is plotted against the applied ∆K in Figure 9. This last factor is an indicator of hydrogen
embrittlement susceptibility under cyclic loads. It is worth noting that the aforementioned acceleration ratio
is the highest at low ∆K values (K=25-35 MPa√m). On the other hand, the crack growth acceleration ratio
under internal hydrogen was much lower in the V-added steels, although the internal hydrogen content in this
steel was the highest (Table 4).
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Figure 8. da/dN-ΔK curves of H pre-charged specimens tested at 0.1Hz.
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Figure 9. Fatigue crack growth acceleration factor due to internal hydrogen. R=0.1 and f=0.1 Hz.

3.5. Fracture surfaces
The fracture surfaces of the fatigued CT specimens were analysed under the scanning electron microscope,
the most relevant features of which are shown in Figures 10, 11 and 12. As already stated, the most relevant
differences were noted at the lowest test frequencies (0.1 Hz) and low K values (25-35 MPa√m). Hence,
only the failure surfaces of these specimens at the appropriate locations are shown.
Ductile fatigue striations (white arrows) perpendicular to the crack propagation direction are frequently
observed in the specimens of the 42CrMo4 grades tested in air. However, they were much harder to find on
the specimens tested with internal hydrogen, where the PRHIC micromechanism (plasticity-related
hydrogen-induced cracking) is the most relevant and characteristic feature (Figure 10 a, b). Other authors
[6,7,31] have already pointed out the difficulty of observing fatigue striations in fatigue tests performed in
the presence of hydrogen. It is well known that hydrogen enhances localized slip in the crack front, in
accordance with the HELP model, the crack tip hardly opens in the fatigue cycle, and hence striations due to
ductile stretching are barely marked on the resultant failed surface.
A similar observation related to the presence of striations in the uncharged specimens and the PRHIC
micromechanism in those samples tested with internal hydrogen can also be made in the case of the
2.25Cr1Mo grades, although some small areas of intergranular fracture (IG) are also visible in the specimens
tested with internal hydrogen (Figure 11). Intergranular failure mechanisms were also detected by [32,33,34]
in the fatigue failure surfaces of quenched and tempered 2.25Cr1Mo steel, which could be also related to
possible segregation of P and other residual elements such as Sn, Sb and, As into prior austenite grain
boundaries.
However, no significant change in micromechanism was observed in the uncharged and hydrogen charged
V-added 2.25Cr1Mo grades. Fatigue striations were observed in all cases and the most noteworthy difference
between the uncharged and hydrogen pre-charged specimens was the presence of secondary cracks and small

areas with a quasi-cleavage appearance in the specimens of these V-added grades tested with internal
hydrogen (Figure 12).
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Figure 10. Fatigue failure surfaces of uncharged (10 Hz) and H pre-charged 42CrMo4 specimens (0.1 Hz).
K=25-35 MPa√m. 42CrMo4_700 (a) and 42CrMo4_650 (b).

Uncharged (500x)

Uncharged (2000x)

H_0.1Hz (500x)

H_0.1Hz (1500x)
(a) 2.25Cr1Mo_690

Uncharged (500x)

Uncharged (2000x)

H_0.1Hz (500x)

H_0.1Hz (1500x)
(b) 2.25Cr1Mo_600

Figure 11. Fatigue failure surfaces of uncharged (10 Hz) and H pre-charged 2.25Cr1Mo specimens (0.1 Hz).
K=25-35 MPa√m. 2.25Cr1Mo_690 (a) and 2.25Cr1Mo_600 (b).
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Figure 12. Fatigue failure surfaces of uncharged (10 Hz) and H pre-charged 2.25Cr1MoV specimens (0.1
Hz). K=25-35 MPa√m. 2.25Cr1MoV_720 (a) and 2.25Cr1MoV_650 (b).

4. Discussion
In order to discuss the fatigue results obtained in this study, it should be recalled that, when a mechanical
load is applied to a pre-cracked and hydrogen pre-charged CT specimen, hydrogen located in the
surroundings of the crack tip will diffuse up to the process zone located just ahead of the crack tip (reversibly
trapped by dislocations in the plastic strained zone and also driven by the high hydrostatic stress existing in
the crack front), where hydrogen atoms will accumulate. This gives rise to hydrogen enhanced localized
plasticity (HELP) mechanisms and also to the embrittlement phenomenon (usually hydrogen enhanced
decohesion, HEDE). Hence, the influence of the test frequency on the fatigue crack growth rate will depend
on the time that hydrogen has to relocate in each fatigue load cycle to reach a critical concentration in the
aforementioned process region (see Figure 13).

Figure 13. Hydrogen accumulation into the process zone ahead of an opened crack tip. y, H and p are
respectively the opening stress, hydrostatic stress and plastic strain.

Thus, the hydrogen crack growth acceleration factor observed under low fatigue frequencies, lower than 10
Hz (see Figures 7, 8 and 9), might be explained via the effective diffusion distance, x, available for the
movement of hydrogen atoms during the fatigue cycle, which can be estimated from Fick´s second law,
Equation 5.

x  Dt

(5)

D being the apparent hydrogen diffusion coefficient in the steel and t, the time available in each fatigue cycle
(t = 1/f). Table 6 shows the effective hydrogen diffusion distances calculated for each steel grade versus the
applied test frequency.
Table 6. Effective diffusion distance (µm)
2

Steel grade

Dapp [m /s]

42CrMo4_700
42CrMo_650
2.25Cr1Mo_690
2.25Cr1Mo_600
2.25Cr1MoV_720
2.25Cr1MoV_650

4.2·10-10
2.5·10-10
2.5·10-10
8·10-11
2·10-11
8·10-12

10 Hz
0.1
s/cycle
6 µm
5 µm
5 µm
3 µm
1 µm
1 µm

1 Hz
1
s/cycle
20 µm
16 µm
16µm
9 µm
4 µm
3 µm

0.1 Hz
10
s/cycle
65 µm
50 µm
50 µm
28 µm
14 µm
9 µm

When the test frequency is high (10 Hz), the fatigue cycle load time is low, and thus, the hydrogen diffusion
distances are also very low. Hence, hydrogen accumulation in the crack tip region is barely significant and
the fatigue crack growth rate does not differ from the value determined without hydrogen in air. However,
when the test frequency decreases, effective hydrogen diffusion distances increase significantly, reaching
values, that allow considerable hydrogen accumulation in the crack tip process region. In this case, hydrogen
diffusion will be coupled with the crack growth rate and hydrogen atoms will diffuse in and out of the
process zone in every fatigue cycle, thereby enabling the existence of the so-called embrittled process zone
due to hydrogen accumulation. This fact would explain the increase in the crack growth rate observed in the
42CrMo4 and 2.25Cr1Mo grades cycled at low test frequencies.
It was also observed in Figures 7 and 8 that the fatigue crack growth rate under internal hydrogen tends
towards the value obtained under testing in air above a given da/dN (or K) value. This change in behaviour
may also be explained as a result of competition between the fatigue crack growth rate and hydrogen
diffusion rate: for da/dN crack growth rates higher than a certain value, the crack passes the process zone at
the crack tip before hydrogen concentrates in this region, as the crack grows much faster than hydrogen
diffusion to the crack tip. Similar observations have previously been reported by other researchers
[6,7,18,20,34,35].
Returning to the 2.25Cr1MoV steel, the hydrogen effect was notably lower in these grades (in fact no
hydrogen effect was detected in the 2.25Cr1Mo_720 grade). It is worth noting that the effective diffusion
distances in the V-added steels tested at 0.1 Hz were nearly similar to those observed in the CrMo steels
tested at 1Hz. Moreover, diffusible hydrogen, CHd, is also the lowest in this steel (Table 4). As stated
previously, the existence of submicrometric vanadium carbides existing in the V-added steel grades have the
capacity to strongly retain hydrogen, thereby reducing the apparent diffusion coefficient and, hence, their
effective diffusion distances.
Figure 8 clearly shows that 2.25Cr1Mo grades have the highest fatigue crack growth rates in the presence of
internal hydrogen under low frequency testing (0.1 Hz), as the accumulation of hydrogen in the process zone
of this steel gives rise to some intergranular decohesion, which can be appreciated in the fractographic
analysis (Figure 11). On the other hand, the fatigue crack growth rate of the 2.25Cr1MoV grades under the
same conditions were the lowest: in this case, because of the beneficial effects due to the aforementioned
fine precipitation of vanadium carbides during the tempering stage of this steel.

It should also be noted that, from a certain ∆K value (or a certain crack propagation rate, da/dN), a kind of
“plateau” in the crack propagation rate was sometimes detected (Figures 7 and 8). It was found that, as K (or
K) increases, local stresses increase and hydrogen is more strongly attracted by the crack tip process zone,
thereby facilitating embrittlement. However, as previously stated, as K increases, so does da/dN, and the
crack may grow faster than the hydrogen diffusion rate towards the crack tip, while the acceleration due to
hydrogen accumulation may decrease. This two-fold, yet opposing hydrogen effect may explain the
“plateau” observed in some da/dN versus K curves in Figures 7 and 8. A plateau like this is typically
referred to in the scientific literature when a phenomenon of stress corrosion cracking (SCC) or hydrogen
assisted cracking (HAC) is present [36]. Under these circumstances, if the applied stress intensity factor in
the fatigue cycle exceeds a threshold value, KISCC, the crack extends at a constant growth rate regardless of
the applied ∆K. A similar “plateau” in the da/dN versus K results was also observed in tests performed with
external hydrogen in [35], as well as in fatigue tests performed with internal hydrogen in [18,20,34] using
electrochemically or thermally pre-charged specimens.
Another possible explanation underlying this phenomenon could be the progressive loss of hydrogen the
specimens underwent in the course of the fatigue tests. However, the results of our fatigue tests always
correspond to specimens with internal hydrogen, as tests performed on the CrMo steels were always
interrupted after no more than 8-10 hours under the lowest test frequencies, thereby ensuring that significant
diffusible hydrogen was still present in the fatigue specimen at the end of each fatigue test (see also Figure 4
a,b). Furthermore, this point is not an issue with CrMoV steel grades due to their much lower apparent
diffusion coefficients and hence, much longer times needed to lose internal hydrogen (Figure 4 c). Moreover,
the maximum time duration of the fatigue tests performed with these steel grades under the lowest frequency
was approximately 50 hours.

5. Conclusions
Hydrogen desorption data experimentally obtained after hydrogen thermal pre-charging in a high-pressure
hydrogen reactor were used along with finite element simulation of hydrogen diffusion in cylindrical
samples to determine the apparent hydrogen diffusion coefficients of different structural quenched and
tempered steel grades. Diffusion coefficients always increase with increasing tempering temperature, while
the addition of vanadium strongly reduces the hydrogen diffusion coefficient due to the trapping effect of
vanadium carbides.
The presence of internal hydrogen leads to an increase in the crack propagation rate in the CrMo steel grades,
this effect increasing as the test frequency applied in the fatigue test decreases. This behaviour can be
explained by assuming that hydrogen embrittlement is controlled by the diffusion of hydrogen atoms toward
the process zone existing in the advancing crack tip. As the test frequency decreases, hydrogen diffusion
distances in the fatigue cycle increase and hydrogen concentration in the process zone can reach a critical
value for the decohesion of internal boundaries, martensite blocks and packets or prior austenitic grain
boundaries.
The fatigue behaviour of the CrMoV steel grade in the presence of internal hydrogen was greatly improved
and the effect of frequency was nearly negligible in this case, as the microstructure of this steel grade
presents uniform dispersion of submicrometric vanadium carbides, which behave as strong traps for
hydrogen, thereby considerably reducing its mobility.
Finally, hydrogen pre-charged CT specimens gradually lose hydrogen during the fatigue test. Therefore, it is
important to control the total duration of tests in order to appreciate the effect of internal hydrogen on the
steel fatigue crack growth rate.
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