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ABSTRACT

The aim of this paper is to study the effect of hydrogen on the fracture toughness of 42CrMo4 steel quenched and
tempered at 500, 550, 600, 650 and 700°C. The influence of hydrogen was assessed by means of fracture toughness
tests carried out on compact CT specimens, pre-charged with gaseous hydrogen in a pressurized reactor at 19.5MPa and
450°C for 21h. Thermal desorption analysis (TDA) and finite element simulations (FEM) were employed to study the
hydrogen diffusivity and solubility of the different steel grades. Additionally, X-ray diffraction (XRD) was used to
determine the dislocation densities present in these steel microstructures and scanning electron microscopy (SEM) to
analyse them and to identify the fracture micromechanisms that took place during the fracture toughness tests.

According to the obtained results, dislocation density, hydrogen solubility and residual hydrogen strongly trapped in the
steel microstructure were seen to decrease with increasing tempering temperature, following the apparent hydrogen
diffusion coefficient the opposite trend. It was also observed that hydrogen embrittlement was much greater in the steel
grades tempered at the lowest temperatures (with higher yield strength), and in tests performed at the lowest
displacement rates. Moreover, a change in the fracture micromechanism was detected, from ductile (microvoids
coalescence, MVC) in the absence of hydrogen, to intermediate (plasticity-related hydrogen induced cracking, PRHIC)
in the case of the hydrogen pre-charged steels with relatively low yield strengths under low displacement rates and,
finally, to a fully brittle behaviour (mostly intergranular fracture, 1G) in the case of steels with the highest strengths,
tested at low displacement rates.

It was finally demonstrated that only diffusible hydrogen, hydrogen atoms able to move at room temperature, is
responsible for hydrogen embrittlement.

KEYWORDS: Hydrogen embrittlement, fracture toughness, 42CrMo4, hydrogen diffusion, quench and tempering
treatments, failure micromechanisms.

1. INTRODUCTION

The emerging need to replace fossil fuels in favour of cleaner and renewable alternatives is boosting the development of
hydrogen-based energy applications, such as fuel cells. In this context, the increasing demand of hydrogen in the years
to come means that traditional systems and materials, previously used for hydrogen transport and storage, should be
adapted to allow delivering larger hydrogen quantities in a more efficient way. Furthermore, due to the low energy
density of hydrogen, transport and storage units (pipes and vessels) will be designed to sustain higher hydrogen
pressures, up to 100 MPa. Under these hydrogen high pressures, hydrogen enters into the containing structural materials
and hydrogen embrittlement phenomena (HE) can take place.

Typically, hydrogen facilities have been designed using metallic materials with high resistance to hydrogen
embrittlement, such as austenitic stainless steel or aluminium alloys. However, such metallic alloys have lower strength
and are more expensive than conventional steels, such as carbon and low-alloy steels [1]. Then, the best economical
solution to manufacture hydrogen facilities would be the use of medium and high-strength steels in order to reduce the
thickness of pipes and vessels and so the material costs.

42CrMo4 steel belongs to the family of Cr-Mo steels, which are frequently used in the quenched and tempered
condition when a good combination of strength and toughness is required. This family of steels also has high fatigue
strength, making it an excellent choice for the manufacture of vessels and pipes able to work under high-pressure
hydrogen gas [2, 3]. Nevertheless, it is well known that medium-high strength steels are more sensitive to hydrogen
embrittlement than low-strength steels, and this susceptibility increases with the strength level of the steel [4, 5]. In
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order to solve this drawback, they may be tempered at high temperatures, where their strength and hardness
significantly decline as was shown in [6], where the application of tempering temperatures of 650° and 700°C during
two hours gave rise to the best notched tensile behaviour under internal hydrogen. Tvrdy et al. [7] studied the hydrogen
embrittlement of CrMo and CrMoV pressure vessel steels and demonstrated that even low and medium-strength
pressure vessel steels are susceptible to hydrogen embrittlement and to subcritical crack growth under stress intensity
factor levels far beneath the relevant critical fracture toughness value, Kc. They further proved that the resistance to
hydrogen embrittlement strongly depends on the applied heat treatment, on the resultant microstructure (carbide
precipitation and distribution) and on the strength level attained, obtaining the best resistance to hydrogen embrittlement
with steels tempered at the maximum available temperature. Additionally, during welding processes of pipes and
vessels, these steel grades suffer local hardening due to martensitic/bainitic transformation and, thus, the possibility of
cold cracking due to the presence of hydrogen significantly increases, making necessary the application of post-welding
heat treatments (PWHT). In fact, Mitchell et al. [8] studied the optimisation of PWHT in a 1.25Cr-0.5Mo pressure
vessel steel for high temperature hydrogen service and suggested that a tempering stage in the range of 670°-710°C for 8
hours represented the optimal solution for resistance to hydrogen embrittlement.

Many researchers have studied the effect of hydrogen on the tensile properties of medium-and high-strength ferritic
steels, reporting that hydrogen embrittlement not only depends on the strength level of the steel, which is directly
related to its microstructure [9], but also on other factors such as the way hydrogen is charged into the specimen (gas
charge or electrochemical charge) [10]; the dimensions and geometry of the component, for example the presence of
notches or cracks [11, 12]; and also on certain testing parameters, such as the applied strain rate [13-15]. All these
aspects related to hydrogen embrittlement of 42CrMo4 steel quenched and tempered at different temperatures were
already considered in a previous work [6].

Furthermore, the effect of hydrogen on the fatigue crack growth of quenched and tempered steels has also been widely
studied [16-20], pointing out the influence of the applied AK factor and test frequency in the hydrogen embrittlement
phenomenon. Even some works, have focused on the fatigue behaviour of the 42CrMo4 steel itself, under high pressure
hydrogen gas [21], introducing hydrogen by cathodic charging [22] and also pre-charging the specimens in high
temperature, high pressure hydrogen gas [23].

Regarding fracture toughness properties, it is worth noting the work carried out by Splichal et al. [24], who evaluated
the effects of hydrogen on the static fracture toughness using cathodically charged specimens of Eurofer 97 steel,
reporting that an increase in hydrogen content resulted in a drastic drop of the fracture toughness for the onset of crack
growth parameter, Jo2, and in a noticeable change of the fracture micromechanism, from a ductile to a wholly brittle
one. Ogawa et al. [25] performed room temperature fracture toughness tests on compact tensile (CT) specimens on a
low carbon steel (with a yield strength of 360 MPa), both in air and in hydrogen gas under pressures of 0.7 and 115
MPa, noticing a significant degradation in the fracture toughness properties, visible in the load-displacement plots and
also in the toughness-crack growth curves. The behaviour of the specimen tested under the highest hydrogen pressure
(with more internal hydrogen content) was the most affected by hydrogen embrittlement, giving rise to a fracture
surface covered by quasi cleavage (QC) facets. Similarly, Liu et al. [26] observed a drop in the fracture toughness of a
ferritic SA508-111 steel as the hydrogen content introduced in the steel increased, also changing the fracture pattern from
a ductile microvoid coalescence fracture micromechanism to a mixture of dimples and cleavage facets.

However, the influence of hydrogen on the fracture toughness of ferritic-martensitic steels still needs additional studies,
to attain a better comprehension of the effects that heat treatment, microstructure, strength level, hydrogen diffusion and
hydrogen content have on the fracture toughness of the steel. Additionally, the modification of fracture
micromechanisms by the presence of internal or external hydrogen, although already studied in several works [27-29],
is sometimes still controversial and need deeper studies.

In this context, the main objective of this work is to analyse the influence of strength level and microstructure (influence
of applying different tempering temperatures onto a previously quenched 42CrMo4 steel) in the hydrogen
embrittlement susceptibility of the steel, assessed through fracture toughness tests performed on hydrogen gas pre-
charged CT specimens. Additionally, the ability of the steel to recover its original properties when specimens were left
in air at room temperature during certain periods of time was also evaluated.



2. EXPERIMENTAL PROCEDURE
2.1 Material and heat treatments

A 42CrMo4 steel was used in the present study. Its chemical composition in weight % is shown in Table 1.

Steel C Cr Mo Mn Si P S
42CrMo4 0.42 0.98 0.22 0.62 0.18 0.008 0.002
Table 1. Chemical composition of 42CrMo4 steel (wt. %).

Hot rolled plates (with a thickness of 12 mm) of 42CrMo4 were austenitized at 845°C for 40 min, quenched in water,
and then tempered at 5 different temperatures between 500 and 700°C, for 2 hours. The reason for using different heat
treatments was to obtain different steel grades in order to analyse the way hydrogen degrades the fracture toughness of
the same steel but with different microstructures and strength levels. The sequence of heat treatments and the
nomenclature of the 42CrMo4 steel grades are shown in Table 2.

Specimen 1D Heat treatments
42CrMo4 700 | 845°C/40min + water quenching + 700°C/2h tempering
42CrMo4 650 | 845°C/40min + water quenching + 650°C/2h tempering
42CrMo4 600 | 845°C/40min + water quenching + 600°C/2h tempering
42CrMo4 550 | 845°C/40min + water quenching + 550°C/2h tempering
42CrMo4 500 | 845°C/40min + water quenching + 500°C/2h tempering
Table 2. Heat treatments applied to the 42CrMo4 steel.

2.2 Dislocation density estimation

The dislocation density present in the 42CrMo4 steel grades was experimentally determined by means of X-ray
diffraction. Diffraction peaks corresponding to {110}, {220} and {211} planes were recorded in order to determine
their diffraction peak widths at half maximum, g (FWHM). The obtained data were analyzed using the Williamson-Hall
Equation (1) [29, 30]:
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being @ the diffraction angle related to each crystallographic plane (69°, 106.1° and 156,4°), A the X-ray wavelength
(0.229 nm for a chromium tube), d the crystallite size, and ¢ the local strain. The slope of the straight line, which is
obtained by plotting the left term of equation (1) against sin6/A, gives . The dislocation density, p, was finally obtained
by means of Equation (2), taking also into account the characteristic Burgers vector of the ferritic matrix, b=0.248nm
[31]:

p =144 (%) 2

2.3 Hydrogen pre-charge

All the specimens were pre-charged with gaseous hydrogen in a high-pressure hydrogen reactor. In order to ensure that
all the specimens were saturated with hydrogen (the maximum thickness of specimens was 10 mm), the following
conditions were applied: 21 hours at 450°C under a pressure of 19.5 MPa of pure hydrogen.

The high temperature hydrogen solubility of the quenched and tempered 42CrMo4 steel grades under high pressure
hydrogen can be approximated by the lattice hydrogen content of BCC iron, as reported by Hirtz [32], using Equation
(3), and considering that traps are not active at this high temperature:
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where f represents the fugacity in MPa. According to San Marchi [33], fugacity can be expressed from the hydrogen
pressure, p, according to Equation (4):
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being b a constant of value 15.84, and the pressure, p, is expressed in MPa. Applying these equations to our hydrogen
charging conditions, a hydrogen content of 4.1 ppm was introduced into the samples of the 42CrMo4 steel.

After the 21 hours of maintenance of the specimens in the hydrogen reactor, a cooling phase of 1h, until reaching a
temperature of 85°C was always necessary to allow specimens to be removed from the reactor. Although hydrogen
pressure was maintained during cooling, the decrease in temperature creates a thermodynamic driving force for
hydrogen egress from the specimens, leading to a significant hydrogen loss in all cases. The hydrogen pre-charged
specimens were then removed from the reactor and rapidly immersed in liquid nitrogen (-196°C), where they were kept
until the moment of testing, in order to avoid additional hydrogen losses.

2.4 Measurement of hydrogen content

The hydrogen content in the specimens was measured by means of thermal desorption analysis (TDA), using a LECO
DH603 hydrogen analyser. The equipment’s measurement principle is based on the difference in thermal conductivity
between a reference gas flow of pure nitrogen and a secondary flow composed of nitrogen and the hydrogen thermally
extracted from the analysed specimen.

As one of the purposes of this study was to correlate the loss of toughness properties with the amount of hydrogen
present in the steel during the tests, the hydrogen desorption curves of the different steel grades were determined at
room temperature. These curves represent the hydrogen content versus time elapsed at room temperature (ppm vs time).
Hydrogen pre-charged cylindrical pins with a diameter of 10 mm and a length of 30 mm long (=20g) were used to
obtain the steel desorption curves.

The procedure to obtain the desorption curves was the following. All the hydrogen pre-charged pins were removed from
the liquid nitrogen at the same time and left in air at RT. Then, the hydrogen concentration of the different samples was
measured at different time intervals. Before starting the measurement, each pin was cleaned in an ultrasonic bath with
acetone for 5 minutes and carefully dried using cold air. The analysis to determine the hydrogen concentration consisted
in keeping the sample at 1100°C for 400 s.

2.5 Determination the hydrogen diffusion coefficient at room temperature

Numerical fitting of the experimentally measured hydrogen desorption data was used to estimate the apparent hydrogen
diffusion coefficient (Daspp) of the five steel grades. An axisymmetric bi-dimensional diffusion analysis of the
aforementioned cylindrical samples was performed using a commercial FEM software (Abaqus Cae) employing 4 node
linear axisymmetric quadrilateral elements. The initial hydrogen content experimentally determined at the end of the
cooling phase (from 450 to 85°C in the high pressure reactor) by means of the LECO analyser was taken as the first
point of the analysis (boundary condition 1). The residual hydrogen content, likewise determined using the LECO
analyser after a long stay at room temperature (about one month), was taken as our surface condition, residual hydrogen
(boundary condition 2).

Fick’s diffusion law, described in Equation (5), was applied to a cylinder with a radius (R) of 5 mm. J being the
hydrogen flux, Dapp the apparent diffusion coefficient, and Cy representing the hydrogen concentration in the specimen.

] = _Dapp VCH (5)

By varying the apparent diffusion coefficient, Dapp, the hydrogen evolution over time at room temperature was
calculated (only radial diffusion was considered). The diffusion coefficient which best fitted the experimental data was
taken as the apparent diffusion coefficient of the steel.



2.6 Fracture toughness tests

Fracture toughness characterization was performed using compact tensile (CT) specimens with a width, W=48 mm, a
thickness, B=12 mm, and an initial notch a,=20mm. First, the specimens were fatigue pre-cracked at R=0.1 and
f=10Hz, up to obtaining a crack length versus width ratio, a/W=0.5, following the ASTM E1820 standard [34].
Afterwards, lateral notches were machined on both sides of the specimen until reaching a net thickness, B,=10mm, as to
assure a plane strain state.

Fracture toughness tests without hydrogen were carried out under a nominal displacement rate of 1 mm/min for steel
grades tempered at 700, 650 and 600°C, and a rate of 0.1 mm/min was used for the steel grades tempered at lower
temperatures. Hydrogen pre-charged specimens were tested under displacement rates of 1, 0.1, 0.01 and 0.001mm/min
(also depending on the steel grade) to study the influence of this parameter on HE. Additionally, in order to evaluate the
ability of the steel to recover its mechanical properties as hydrogen progressively egress from the specimens, hydrogen
pre-charged CT specimens were degassed in air at room temperature for different times and then tested at the same
displacement rate to determine the fracture toughness.

Crack growth in the course of tests was determined by means of the compliance method, and 25% partial discharges
were carried out using a COD gauge. The initial and final crack lengths were corrected by measuring them on the
fracture surface of the broken specimen. The value of J obtained in each discharge was calculated as the sum of its
elastic and plastic component. The former was calculated from the stress intensity factor, K, and the latter was obtained
by integrating the area below the load-LLD (load line displacement) plot, always following the procedure described in
the ASTM E1820 standard [34].

The JoeL (kJ/m?) parameter was employed to assess the fracture toughness for the onset of crack growth. This
parameter corresponds to the value of J after a crack growth of 0.2 mm regarding the blunting of the crack tip.

It should be noted that, due to the high brittleness of the steel grades tempered at 550 and 500°C and tested with internal
hydrogen under low displacement rates, it was not possible to determine the value of Jo2sL. Therefore, for these steel
grades, the value of Pq was calculated from the load-COD curve, being Pq the maximum load, load at instability, and
from this value, the Kqand Jo parameters were estimated following the indications of the aforementioned standard [34].

Finally, the decay of fracture toughness caused by the presence of hydrogen was defined by means of the embrittlement
index (EI), defined in Equation 6 (EI varies from 0, no embrittlement at all, to 100%, maximum possible hydrogen
embrittlement).

X—-X
EIC)[%] = —; %.100 (6)
where X and Xy are the measured toughness property respectively evaluated without and with hydrogen.

2.7 Observation of microstructures and fracture surfaces

The microstructures obtained after the application of the different heat treatments were observed by means of a
scanning electron microscope (SEM JEOL-JSM5600) under an acceleration voltage of 20 kV. The samples were
ground, polished with diamond paste, and finally etched with Nital-2%.

The fracture surfaces of the tested specimens were also analysed using the same scanning electron microscope under
different magnifications.



3. RESULTS
3.1 Steel microstructures

The SEM microstructures of the five grades of 42CrMo steel are shown in Figure 1 under a magnification of 10.000x.

Figure 1. SEM microstructures of 42CrMo4 steel quenched and tempered (2h) at
(a) 700°C, (b) 650°C, (c) 600°C, (d) 550°C and () 500°C (10.000x).

The microstructure of all the 42CrMo4 grades was tempered martensite (the profuse carbide precipitation that takes
place during the tempering stage is clearly seen). Microstructure acicularity decreases, internal residual stresses are
released and the extension of martensite lath boundaries decreases with increasing tempering temperature [35].
Furthermore, elongated carbides break up, globulize, and finally grow to yield a more uniform distribution.



The aforementioned microstructural differences give rise to the hardness and tensile properties listed in Table 3 [6]. As
expected, yield strength, oys, ultimate tensile strength, ous and Brinell hardness, HB, progressively decrease with
increasing tempering temperature, while the opposite occurs with tensile elongation, e, and reduction in area, RA.
Additionally, Table 3 shows the dislocation density obtained using X-ray diffraction and the Williamson-Hall approach,
equations (1) and (2). Dislocation density increases as tempering temperature decreases, as expected.

Oys Outs e RA HB p
[MPa] | [MPa] | [%] | [%] [cm?]
42CrMo4_700 | 845°C+WQ+T700°C/2h | 622 710 | 224|613 | 201 | 6.5-10%
42CrMo4_650 | 845°C+WQ+T650°C/2h | 820 905 | 16.3|57.1| 246 | 7.5-10%
42CrMo4_600 | 845°C+WQ+T600°C/2h | 880 985 | 14.6 | 55.4 | 281 | 8.0-10%
42CrMo4_550 | 845°C+WQ+T550°C/2h | 1023 1113 | 13.9 | 48.9 | 307 | 9.9-101*
42CrMo4_500 | 845°C+WQ+T500°C/2h | 1086 1198 | 12.7 | 50.6 | 335 | 1.1-10%

Table 3. Tensile properties, hardness (HB) and dislocation density of the different 42CrMo4 grades.

Steel Grades Heat treatment

It is well known that hydrogen embrittlement increases with the strength level of the steel [4-6], hence grades tempered
at lower temperatures are expected to be more susceptible to HE.

3.2. Hydrogen desorption curves and diffusion coefficient estimation

The hydrogen desorption data experimentally obtained at room temperature for each steel grade are shown in Figure 2
along with the fitted FEM simulated curves. These figures represent the evolution of the hydrogen content (ppm) versus
the exposure time in air (hours) at room temperature. Significant good fitting between the experimental data and the
numerical simulation results was obtained with all the steel grades.
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Figure 2. Hydrogen desorption curves. Experimental data (points) and numerical fitting (lines).

The initial hydrogen content, Cwo, corresponds to the first point of the desorption curve (hydrogen content at the end of
the cooling phase following thermal pre-charging in the hydrogen reactor). The residual hydrogen, Chy, is the hydrogen
strongly trapped in the steel microstructure, i.e. the hydrogen content after a long exposure at room temperature (in this
case after nearly one month). The diffusible hydrogen, defined as the amount of hydrogen that is able to overcome traps
and diffuse out of the steel when sufficient time is available, was calculated as the difference between the initial and
residual hydrogen contents (Cro - Chr).



As previously stated, data fitting of the experimentally measured hydrogen desorption results was used to estimate the
apparent hydrogen diffusion coefficient, Dapp, in the different steel grades. As an example, the homogeneous hydrogen
concentration at the end of hydrogen pre-charging is shown in figure 3(a) and the initial hydrogen distribution at the end
of the cooling phase (from 450 to 85°C performed in the high pressure reactor) in the case of the 42CrMo4_700 steel is
also shown in Figure 3(b). This hydrogen distribution corresponds to the first data point of the desorption curve, where
an average hydrogen content of 1.2 ppm was experimentally measured. However, at this moment the specimen surface
retains the residual hydrogen content (0.3 ppm in this steel grade, which represents our surface boundary condition), but
hydrogen contents as high as 2.2 ppm are still present in the centre of the specimen. Figure 3(c) corresponds to the final
situation, after a sufficiently long hold time at room temperature, where all the sample has the residual hydrogen content
(0.3 ppm in this steel grade). As already mentioned, the diffusion coefficient which provides the best fit to the
experimental data was taken as the RT apparent diffusion coefficient of the steel. In this case, the Dayp value estimated
for the 42CrMo4_700 steel grade was 4.2-1071% m?/s.
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Figure 3. Hydrogen distribution in the 42CrMo4_700 steel in samples with R=5 mm and L=30mm.

(a) Homogeneous hydrogen concentration at the end of pre-charging (4.1 ppm). (b) Initial concentration (average hydrogen
concentration of 1.2 ppm) measured on the LECO DH603 analyser at the end of the cooling phase. (c) Residual hydrogen
concentration (average hydrogen concentration of 0.3 ppm) after 48h at RT.

The results obtained from the analysis of hydrogen desorption, for all the steel grades, are summarized in Table 4. A
good correlation was obtained between the steel tempering temperature (or the steel hardness) with the different
hydrogen contents and the apparent diffusion coefficient: As the steel tempering temperature decreases (hardness
increases), initial and residual hydrogen significantly increase and apparent hydrogen diffusion coefficient decreases.

Steel Grades HB Cho [ppm] Chr [ppm] Cho-Chr [ppm] Dapp [M?/5]
42CrMo4_700 | 201 1.20 0.30 0.90 421010
42CrMo4_650 | 246 1.20 0.45 0.75 2.5-1010
42CrMo4_600 | 281 1.40 0.70 0.70 1.5-1010
42CrMo4_550 | 307 1.70 1.30 0.40 9.0-10!
42CrMo4_500 | 335 1.85 1.50 0.35 6.6-101!

Table 4. Initial (Cho), residual (Cwr), diffusible hydrogen (Cho-Crr) and apparent diffusion coefficient at room temperature, Dapp,
measured on the different 42CrMo4 steel grades.



3.2 Fracture toughness

3.2.1. Uncharged specimens

The fracture toughness results regarding the steel grades tested without hydrogen are shown in Figure 4 and Table 5.
Figure 4 shows the load versus the load line displacement (LLD) curves and also the J-resistance curves, J parameter
versus crack growth, J-Aa curves, derived from the former ones. The potential law from the fitted experimental data,
J=C1Aa%?, is also included in Table 5, allowing to estimate the J value for any value of crack growth. The J value for the
onset of crack growth, JozmsL, was also calculated. As expected, the value of JozsL decreases as the tempering
temperature decreases (higher yield strength and ultimate tensile strength), and also does the C, parameter, which
means a flatter crack propagation curve. In all the cases, the operative fracture micromechanism was fully ductile,
microvoids coalescence (MVC), as can be seen in Figure 5, for the specimens tempered at 700, 600 and 500°C
respectively.
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Figure 4. (a) Load-displacement and (b) J-resistance curves, corresponding to all the 42CrMo4 steel grades obtained with
uncharged specimens.

Oys Guts Viest Prmax Jo2BL J=C,0a%?
Steel Grade | o | (MPa] | [mmimin] | [N] | [kim?] [ G, | G,
42CtMo4 700 | 622 | 710 1 | 29636 | 580 | 739 | 0.54
42CrMo4 650 | 820 | 905 1 | 35924 | 396 |670] 0.62
42CrMo4 600 | 880 | 985 1 42134 | 292 | 456 | 0.43
42CtMo4 550 | 1023 | 1113 | 04 | 42650 | 225 | 421 0.50
42CrMo4 500 | 1086 | 1198 | 0.4 | 41892 | 189 | 270 0.28

Table 5. Fracture toughness results of the different 42CrMo4 grades. Uncharged specimens.




(a) 42CrMo4_700 (Uncharged) 200x.

3.2.2.
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Hydrogen pre-charged specimens

A

(e) 42CrMo4_500 (Uncharged) 250x.
Figure 5. Fracture surface of uncharged CT specimens. (a) 42CrMo4_700, (b) 42CrMo4_600 (c) 42CrMo4_500.

(c) 42CrMo4_600 (Uncharged) 250x.
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The results of all the fracture toughness tests performed on the different 42CrMo4 steel grades with uncharged and with
hydrogen pre-charged specimens at the different applied displacement rates are collected in Table 6. Critical J value
correspond to the value for the onset of crack growth, Jozed, in the case of grades quenched and tempered at 700, 650
and 600°C, and to unstable failure, Jo, for grades quenched and tempered at 550 and 500°C. In this last case, Jq value
was derived from Kq (Jo = Ko?(1-v?)/E). Additionally, the test duration, the evolution of hydrogen content along the
test, the embrittlement index (EI) and the operative fracture micromechanisms (in order of importance) are also
recorded. It is worth noting that Cy values in Table 6 may be taken with caution as they were derived from the
desorption curves (Figure 2) obtained with samples with the same thickness (10 mm) but different geometry. Hydrogen

desorption in CT specimens should be slower and therefore hydrogen content should be something higher.

Steel Viest Test c Joz2sL | El (Jozre) *Fracture

Grade | [mm/min] | duration H[ppm] [kI/m?] [%6] Micromechanisms
1 40min - 580 - MVC
1 30min 1.2 350 40 MVC+PRHIC

700 0.1 16h | 12511 | 380 34 MVC+PRHIC
0.01 8.3h 1.2-50.8 345 41 MVC+PRHIC
1 28min - 396 - MVC

650 1 22m?n 1.2 303 23 MVC+PRHIC
0.1 80min 1.2 273 31 MVC+PRHIC
0.01 6.7h 121 249 37 PRHIC
1 25min - 292 - MVC

600 1 14min 1.4 205 30 MVC+PRHIC
0.1 30min 1.4 175 40 MVC+PRHIC+IG
0.01 2.6h 1.4->1.3 53 82 PRHIC+IG

Steel Viest Test c Jo El (Jo) *Fracture

Grade | [mm/min] | duration 1 [ppm] [k/m?] [%0] Micromechanisms
0.1 18min - 89 - MVC

550 0.1 25min 1.7 50 44 MVC+PRHIC+IG
0.01 1h 1.7 19 79 PRHIC+IG+MVC
0.001 1.7h 1.7 8 91 IG+PRHIC
0.1 40min - 112 - MVC

500 0.1 12min 1.85 32 71 MVC+IG+PRHIC
0.01 47min 1.85 8 93 IG+PRHIC
0.001 1.8h 1.85 1 99 IG+PRHIC
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Table 6. Results of fracture toughness tests performed on the 42CrMo4 steel grades, uncharged and hydrogen pre-charged, loaded at

different displacement rates (Jo = Ko?(1-12)/E).

*MVC: microvoid coalescence; PRHIC: plasticity-related hydrogen induced cracking; IG: intergranular (in order of importance).

The J-resistance curves or J-Aa curves of the 42CrMo4 grade quenched and tempered at the highest temperature
(700°C), corresponding to the steel with the lowest yield strength, obtained with uncharged and with H pre-charged
specimens, at 1, 0.1 and 0.01 mm/min, are shown in Figure 6(a), along with their macroscopic fracture surfaces. The
effect of hydrogen is noticeable, giving rise to a clear decrease of the whole curve and particularly the critical Jo2/mL
parameter. Maximum embrittlement occurred under the lowest displacement rate, 0.01 mm/min. A decrease in fracture
toughness when decreasing the displacement rate was also noted in the grades quenched and respectively tempered at
650 and 600°C (see Figure 6(b,c)).
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(©)
Figure 6. J-4a curves and macroscopic fracture surfaces of uncharged and H pre-charged specimens tested at different displacement
rates. (a) 42CrMo4_700, (b) 42CrMo4_650 and (c) 42CrMo4_600.

The fracture surface of the H pre-charged 42CrMo4_700 (under the lowest displacement rate) observed at SEM can be
seen in Figure 7(a). Two different regions can be distinguished: region 1, with an extension of around 250 pm,
corresponds to the initiation of the crack growth from the fatigue pre-crack, while region 2 corresponds to the
propagation of the growing crack. Region 1, which can be seen in more detail in Figure 7(b), exhibits the appearance of
a transgranular fracture surface or quasi-cleavage, usually referred to as plasticity-related hydrogen induced cracking
(PRHIC) in martensitic steels [27]. The PRHIC mechanism was first described by Takeda and McMahon [36] in
reference to the fracture mechanism observed in low alloy quenched and tempered steels in hydrogen gas. It is
sometimes called tearing topography surface or TTS, which is described as a fracture surface characterised by ductile
micro-plastic tearing on a very fine scale, along martensite lath, block and packet interphases [27, 37]. The size of the
characteristic features observed in Figure 7(b) is comparable to the microstructure units (martensite blocks and packets);
hence, hydrogen accumulation promotes plastic deformation and final decohesion of these interphases (HEDE,
hydrogen-enhanced decohesion) [38]. On the other hand, a different micromechanism is observed in region 2 (Fig.
7(a)), where a fully ductile micromechanism, microvoids coalescence (MVC), is the prominent failure mechanism.

The embrittlement indexes and predominantly fracture micromechanisms corresponding to the steel grade quenched and
tempered at 650°C for the different displacement rates, also shown in Table 6, are not so different from those observed
in the 700°C tempered grade. As can be seen in Table 6, the fracture micromechanisms evolved from a fully ductile
mechanism (MVC), in the absence of hydrogen, to 100% PRHIC, when tested under internal hydrogen at the lowest
displacement rate (see Figure 7(c, d)). Mixtures of MVC and PRHIC micromechanisms were observed in hydrogen pre-
charged specimens tested at intermediate displacement rates (Table 6). The hydrogen pre-charged steel grade quenched
and tempered at 600°C tested at 0.1 mm/min already shows traces of IG fracture that finally, when tested at an even
lower displacement rate, gives rise to a clear mixture of PRHIC and IG, as can be seen in Figure 7(e, f).
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Propagation

(e) 42CrMo4_600 (H precharged, 0.01mm/min, 250x) (f) 42CrM04 600 (H pre charged 0. Olmm/mln 1000x)
Figure 7. Fracture micromechanisms of 42CrMo4 grades quenched and tempered at 700, 650 and 600°C tested with hydrogen at the
lowest displacement rate.

Finally, the extreme brittleness of the H-charged 42CrMo4 steel grades quenched and tempered at the lowest
temperatures (550 and 500°C) precluded obtaining J-Aa curves, so Kg at instability (maximum load, Pg) was used as a
characteristic fracture toughness parameter. The load-displacement curves of the steel grade quenched and tempered at
the lowest temperature, 500°C, along with their macroscopic fracture surfaces are presented in Figure 8(a). In the test
carried out at 0.001mm/min, the deleterious effects of hydrogen are noteworthy: the load, Pq, drops over 80% and the
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embrittlement index relative to Jq is practically equal to 100% (see Table 6). With regard to the fracture surfaces, as the
displacement rate decreases, a clear evolution can be appreciated in the fracture micromechanisms. In this case, starting
from MVC for the uncharged specimen, passing through a mixture of MVC, PRHIC and IG for the hydrogen pre-
charged specimen tested at 0.1mm/min to finish in a micromechanism mainly composed of IG fracture, with faint
remnants of PRHIC features, for the lowest displacement rate, as can be observed in Figure 9(c,d). Quite similar results
were also obtained with the steel grade quenched and tempered at 550°C (Figure 8b): in the case of the test performed at
the lowest displacement rate, the predominant micromechanism is IG, with isolated regions of PRHIC, Figure 9 (a,b).
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Figure 8. Load versus load line displacement (LLD) curves and macroscopic fracture surfaces corresponding to the 42CrMo4 steel
quenched and tempered at (a) 500°C and (b) 550°C. Uncharged specimen and H pre-charged specimens tested at 0.1, 0.01 and
0.001mm/min.
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(c) 42CrMo4_500 (H pre—chrged, 0.001mm/min, 20x) (d) 42CrMo4_500 (Hpre—charged, 0.001mm/in, 1000
Figure 9. Fracture micromechanisms of 42CrMo4 grades quenched and tempered at 550 and 500°C tested with hydrogen at the
lowest displacement rate.

3.2.3. Room temperature de-embrittlement of 42CrMo4_500

Figure 10(a) shows the load-displacement curves corresponding to fracture toughness tests of hydrogen pre-charghed
42CrMo4_500 steel grade after degassing the CT specimens at room temperature during 3, 6, 15 and 25 days. The same
curves obtained with the uncharged specimen and just after hydrogen pre-charging are also included. All the tests were
performed at the same displacement rate of 0.02mm/min. Additionally, the J-resistance curves, J parameter versus crack
growth curves, J-Aa, along with macroscopic fracture surfaces are shown in Figure 10(b). Only the test performed just
after hydrogen pre-charging was unable to give a J-Aa curve and, in this case, the Jg value at failure instability (obtained
from the Kq value) was represented in the same plot as a green triangle. Firstly, as mentioned previously, it can be
observed the great difference between the behaviour of uncharged specimens (black curve in Fig. 10(a)) and H pre-
charged specimens tested immediately after hydrogen pre-charge (green curve in the same figure). An intermediate
behaviour was obtained after degassing the specimen during 3 and 6 days in air at RT, and finally, specimens degassed
respectively for 15 and 25 days showed a behaviour almost identical to the one manifested by the uncharged specimens.
All the fracture toughness values, embrittlement indexes, degas times, testing duration times, and operative fracture
micromechanisms in order of importance are gathered in Table 7.
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Figure 10. (a) Load — load line displacement (LLD) curves and (b) J-4a curves (and macroscopic fracture surfaces) corresponding
to the 42CrMo4 steel quenched and tempered at 500°C, tested at 0.01lmm/min. Uncharged, tested just after charging and after 3, 6,
15 and 25 days degassing in air.

Time Fracture
Sest | i | 00| o |y | gy | wicomeharins
[days] [%] Initiation |Propagation
0.1 - 40min - 189 MVC
0.01 - 47min 1.85 8 (Jo)W 97 IG+PRHIC
500 0.01 3 2.2h 1.71 43 78 IG+PRHIC
0.01 6 3.2h 1.62 115 40 IG+PRHIC MVC
0.01 15 3.5h 1.55 168 11 PRHIC MVC
0.01 25 3.8h 1.50 178 6 MVC

Table 7. Fracture toughness recovery of 42CrMo4_500 steel grade after degassing for different times.
Mderived from Kq (Jo = Ko(1-12)/E).
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The fracture micromechanisms observed on these specimens are presented in Figure 11. The specimen tested after 3
days at RT in air, Fig. 11(c,d) still shows the typical mixed IG+PRHIC fracture micromechanisms, already observed in
the hydrogen pre-charged and no-degassed specimen (Fig. 11(a,b)). After 6 days in air, Fig. 11(e), the fracture
micromechanism starts changing: an initiation area of around 2.5 mm, (1) in the figure, characterized by a mixture of
PRHIC and IG is observed, followed by MVC, (2) in the same figure. Enlarged views of these two regions are shown in
Figures 11(f,g) respectively. After 15 days of degassing, the main fracture micromechanism is MVC, except from a
very narrow band at the beginning of the fracture surface where PRHIC was detected (Figures 11(h,i)). Finally, the
specimen left at RT in air 25 days before the test only exhibits MVVC (Figures 11(j,k)), exactly as already observed in
the uncharged specimen (Figure 5 (g)).
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(k) 42CrMo4_500 (' pre-charged,25d in air, 250x
Figure 11. Fracture micromechanisms of H pre-charged 42CrMo4_500 steel grade after degassing for different times and tested at
0.01mm/min.

'\h ey s
(j) 42CrMo4_500 (H pre-charged,25d in air, 250x)

4. Discussion

The tempered martensite microstructure of the quenched and tempered 42CrMo4 grades is especially dependent on the
tempering temperature. As tempering temperature increases from 500 to 700°C (two hours), carbide precipitate, internal
residual stresses relax and dislocation density reduces. According to results exposed in Table 4, the initial hydrogen
content, measured in samples pre-charged under high temperature and high hydrogen pressure, increased with
decreasing steel tempering temperature, due to the fact that hydrogen microstructural trapping is greater in distorted,
high energy martensitic microstructures (with high dislocation densities). Moreover, the final hydrogen content
(residual hydrogen), hydrogen strongly trapped in the steel microstructure, is even more dependent on the steel
microstructure, decreasing with increasing tempering temperature, mainly due to stress relaxation and the reduction in
dislocation density and interphases (martensite laths, blocks and packets).

Apart from the effect that tempering temperature has on the tensile and fracture toughness properties of the steel,
dislocation density, hydrogen trapping and apparent hydrogen diffusion coefficients were also significantly modified.
As tempering temperature increases, it was observed that dislocation density decreases (Table 3) and also hydrogen
trapping does (Table 4), but the apparent hydrogen diffusion increases (Table 4). Figure 12(a) shows in a graphic way
the evolution of the dislocation density and the apparent diffusion coefficient with the steel tempering temperature,
while Figure 12(b) shows a linear correlation between the hydrogen retained in the steel (residual hydrogen present after
very long times at room temperature, hydrogen strongly trapped in the steel microstructure) and the dislocation density.
Quite high R? determination coefficients were obtained in all these correlations.
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Figure 12. (a) Evolution of dislocation density and diffusion coefficient with the tempering temperature. (b) Dislocation density
versus residual hydrogen (after charging in high pressure hydrogen gas).

On the other hand, the fracture toughness reduction due to the presence of internal hydrogen in the microstructure of all
these steels is noticeable, giving rise to a clear decrease of the whole J-resistance curve and particularly on the critical J
parameter for the onset of crack growth, Jo2eL Or Jo. Maximum embrittlement occurred in the grades tempered at the
lowest temperatures (higher hardness and yield strength) and when tested under the lowest displacement rates.

In order to justify the fracture toughness results obtained in this study, it should be first at all recalled the stress and
strain distribution existing ahead of a cracked, stress loaded elasto-plastic material (CT specimen). The stress reaches a
peak that, according with the continuum plasticity theory, is located at a distance x from the crack tip, x=J/oys [39, 40].
Moreover, local strain exhibits a singularity at the crack tip, reaching very high values (g.>10%) at approximately half
this distance (J/2oys), where the dislocation density multiplies, giving rise to high local hydrogen accumulation. The
maximum levels of the normal opening stress, oyy, and the hydrostatic stress, ow, are respectively about 3.5 oys and 2.5
oys. Moreover, hydrogen located in the surroundings of the crack will diffuse up to the process zone located just ahead
of the crack tip (driven by the high hydrostatic stress existing in the crack front, where it is also trapped by dislocations
entanglements produced in the plastic strained zone), where hydrogen atoms will accumulate, giving rise to the
embrittlement phenomenon (hydrogen enhanced decohesion, HEDE). According to Oriani theory [41], hydrogen atoms
are attracted by the hydrostatic stress existing ahead of the crack until an equilibrium hydrogen concentration, cw, given
by Equation (7) is attained:

ey = co - e rr) )

where, co is the hydrogen value at zero stress and Vy is the partial molar volume of hydrogen, which can be
approximated by 2 10 m3/mol H in a ferritic microstructure.

Hence, the influence of the steel yield strength in the fracture toughness embrittlement is explained by its effect on the
level of the hydrostatic stress produced ahead of the crack tip, o, and consequently, on the hydrogen content, cw,
accumulated in the process zone, while the influence of the test displacement rate on the fracture toughness properties
will depend on the time that hydrogen has to diffuse and accumulate until reaching a critical concentration in the
aforementioned process zone (see Figure 13).

ARSI

zone

%

Figure 13. Hydrogen diffusion towards the process zone ahead of an opened crack tip. oy, on and & are respectively the opening
stress, hydrostatic stress and plastic strain.

Taking into account the values of JosL measured in the 42CrMo4_700 grade under the lowest displacement rate (345
kl/m?, Table 6) and the yield strength of this steel (622 MPa), the extension of the high strained process region where
hydrogen accumulates (x=J/2cys) would be 280 um, which is nearly the same value measured for the extension of
region 1 shown in Fig. 7(a), about 250 um, where PRHIC micromechanism was seen to be prevalent. Hydrogen
accumulation in this region promotes decohesion of internal interphases, such as martensite laths, blocks and packets
(HEDE, hydrogen-enhanced decohesion). On the other hand, a different micromechanism is observed in region 2 (Fig.
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7(a)), away from the region submitted to high triaxiality, where microvoids coalescence, MVC, is now the prominent
failure micromechanism. As the applied J increases, the plastic zone extends, diffusible hydrogen redistributes into a
larger volume and, hence, the total local hydrogen content in the process zone decreases and PRHIC is no longer
available (MVC appears instead). Similar facts were also observed in the steels grades quenched and tempered at 650°C
and at 600°C, although due to their higher yield strengths (820 and 880 MPa respectively), hydrogen accumulation in
the crack front region increases and embrittlement phenomena also does. Higher accumulation of hydrogen in the
process zone in the steel grade quenched and tempered at 600°C (with higher yield strength) tested at low displacement
rates (0.1 and 0.01 mm/min, Table 6) gave also rise to failed regions by intergranular fracture (IG), that is decohesion
along their prior austenite grain boundaries.

Finally, the extreme brittleness of the H pre-charged 42CrMo4 steel grades quenched and tempered at the lowest
temperatures (550 and 500°C) is justified by their much higher yield strengths (1023 and 1086 respectively) and,
consequently, much higher hydrogen accumulation, Cu, in the process zone takes place, a significant fraction of their
prior austenite grain boundaries is embrittled and final decohesion takes place when an enough low displacement rate is
applied.

Figure 14 represents the critical stress intensity factor (Jo2sL Or Jg) for the onset of crack growth measured with
hydrogen pre-charged specimens under a low displacement rate of 0.01 mm/min versus the tempering temperature
(yield strength) for the quenched and tempered 42CrMo4 steel grades. The predominant fracture micromechanisms are
also shown in the figure. The sudden drop in fracture toughness under internal hydrogen and low displacement rate
when intergranular failure micromechanism appears (steel grade quenched and tempered at 600°C, oys = 880 MPa) are
worth noting. As can be seen in Fig. 1(c), the quenched and tempered microstructure of this steel still shows elongated
carbides precipitated along prior austenite grain boundaries and block and packet martensite boundaries, resembling low
tempering microstructures (steel grades tempered at 550°C and 500°C). These distorted internal interphases are able to
trap and retain hydrogen (0.7 ppm H is strongly trapped, as can be seen in Table 4). Additionally, diffusible hydrogen
(0.7 ppm) moves and accumulates in the process zone ahead of the crack tip of the CT specimen (within the plastic zone
with a high dislocation density and at the region submitted to high hydrostatic stress), giving rise to a HEDE failure
micromechanism (hydrogen-enhanced decohesion, PRHIC and intergranular fracture, 1G). However, 42CrMo4 steel
quenched and tempered at 650 and at 700°C already have sufficiently relaxed quenched and tempered microstructures
with quite uniform dispersion of globular carbides (see Figure 1(a,b)), so hydrogen distributes in a more uniform
manner in the crack front process region, giving rise to decohesion of packet and block martensite boundaries (PRHIC)
only after significant previous plastic deformation (high fracture toughness for the onset of crack growth). Anyway, the
extreme brittleness of the H-charged 42CrMo4 steel grades tempered at the lowest temperatures (500, 550°C and even
at 600°C) excludes the use of these steel grades when toughness is a design requirement.

G PRHIC PRHLC MvC
400 - + + N
PRHIC G PRHIC
T /E'
=2 3007 42CtMod
:{ H pre-charged
@ 0.01 mm/min
200
5
E
op
2
2 100 -
=2
2
&
o 4__!]-—-___—-_
0 LI T T T 1
500 550 600 650 700
(6,:=1086MPa) (6,~1023MPa) (0,,~880MPa) (6,:=820MPa) (6,—622MPa)

Tempering temperature [°C]

21



Figure 14. Fracture toughness for the onset of crack growth with internal hydrogen versus the tempering temperature (yield
strength) in quenched and tempered 42CrMo4 steel and predominant operative failure micromechanisms.

Regarding finally the effect of room temperature degassing the CT specimens of the 42CrMo4 steel quenched and
tempered at 500°C (the grade most susceptible to hydrogen-embrittlement) during several days, a very good correlation
was obtained between the measured fracture toughness and the diffusible hydrogen, as it can be seen in Figure 15.
Diffusible hydrogen was obtained using the desorption curve presented in Figure 2. As it was already mentioned, these
diffusible hydrogen data are only a qualitative approximation, as they were obtained using samples with the same
sample thickness but different geometry.
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Figure 15. Critical fracture toughness, Jo2/sL 0r Jg and El, versus diffusible hydrogen. 42CrMo4_500 steel grade.

Anyway, these results lead us to the conclusion that only diffusible hydrogen, hydrogen which is able to move through
the microstructure and overcome traps, is able to damage the steel microstructure and trigger hydrogen-related fracture
micromechanisms (PRHIC and 1G) but, once only strongly trapped hydrogen remains in the specimen and diffusible
hydrogen approaches to zero, the so-called residual hydrogen (1.5 ppm, after 25 days degassing treatment in this case,
Table 7), its behaviour is the same as the one obtained with the hydrogen free specimen. The relationship between the
operative fracture micromechanism and the diffusible hydrogen can also be observed on the fracture surface of the CT
specimen de-gassed for 15 days at RT (Fig. 11(h)). Using the fracture toughness measured in this specimen (168 k/m?,
Table 7) and the yield strength of this steel (1086 MPa), the extension of the high strained process region (x=J/2cys) is
77 um, while the extension of the PRHIC region measured in Fig. 11(h) is not much different, around 55 um.

5. CONCLUSIONS

Using a 42CrMo4 steel quenched and tempered at different temperatures to obtain tempered martensite microstructures,
it was demonstrated that as tempering temperature is increased, yield strength and hardness decrease but elongation and
fracture toughness increase. Consequently, dislocation density and residual hydrogen measured in samples pre-charged
under high pressure high temperature hydrogen gas (hydrogen strongly trapped in the steel microstructure) decrease,
while the apparent diffusion coefficient increases. A linear correlation was obtained between the tempering temperature
and the dislocation density and also between this last characteristic and the hydrogen retained at RT in the steel.

On the other hand, the fracture toughness reduction due to the presence of internally pre-charged hydrogen in the
microstructure of all these steels is noticeable, giving rise to a clear decrease of the whole J-resistance curve and
particularly on the critical J parameter for the onset of crack growth, JoeL 0Or Jo. Maximum embrittlement occurred in
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the grades tempered at the lowest temperatures (higher hardness and yield strength) and when tested under the lowest
displacement rate. These fracture toughness results were justified because hydrogen accumulation in the process zone
located in the front of the crack tip in the CT specimen depends on the local hydrostatic stress and this parameter is
related to the steel yield strength: as the yield strength of the steel increases, the hydrostatic stress and the hydrogen
content accumulated in the process zone also increase, giving rise to a whole change in the failure micromechanism,
from a fully ductile one, microvoids coalescence (MCV), to decohesion along martensite lath, block and packet
interphases (PRHIC) or even decohesion along prior austenite grain boundaries (IG), in the case of the grades with the
highest yield strength or tempered at the lowest temperatures. Moreover, the use of lower displacement rates always
gave rise to higher hydrogen embrittlement indexes, as the accumulation of hydrogen atoms in the most stressed area of
the fracture specimen increases due to the availability of longer diffusion times.

Finally, room temperature degassing experiments with the CT specimens allowed us to obtain a very good correlation
between the measured fracture toughness and the diffusible hydrogen, so that only diffusible hydrogen, hydrogen able
to move along the steel microstructure at the test temperature, RT in this particular case, can trigger hydrogen-related
interphase decohesion fracture micromechanisms, while the presence of residual hydrogen strongly trapped by the steel
microstructure is, by the contrary, non-relevant for this purpose.
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